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Abstract: Mechanical properties of widely applicable thin nanocrystalline films
have been a subject of interest for some time due to deviation of their properties
from the properties of bulk and micro sized grain materials. The deformation
mechanisms in these materials are altered by restricted size of the material and
high ratio of surface and grain boundary areas. Recent advances in transmission
electron microscopy (TEM) allow direct observations of the deformation mecha-
nisms during nanoindentation or tensile deformation of the specimen. Thin Al
films prepared by DC magnetron sputtering were deformed in situ in TEM and
bright field TEM. High resolution TEM and automated crystallographic orien-
tation mapping (ASTAR) were implemented to observe the ongoing deformation
mechanisms. Molecular dynamic simulation designed to approach the conditions
of performed experiment were used to visualize the deformation mechanisms on
atomic scale and the reliability of both methods was discussed.
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Thin metallic films have been and expansively continue to be crucial components
in a variety of microelectronic and micro-electro-mechanical systems (MEMS).
Since thin films in these devices (especially in MEMS) are often subjected to
a mechanical exertion under diverse operating velocities and frequencies, an in-
terest in prediction of thin film properties have been sparked. A wide range of
experiments have been devised to measure the thin film characteristics such as
thermal cycling [1] or nanoindentation techniques [2], as well as experiments fo-
cused on studies of the films separated from the substrate [3], presence of which
can influence the measured properties.
The size dependency does not confine only to volume restrictions, aside from sam-
ple size, intrinsic size effects related to internal material structure e.g. grain size
in polycrystalline materials also exist and have been thoroughly studied in bulk
materials. A well-known Hall-Petch relation [4, 5] can be used to describe the de-
pendence of mechanical strength on average grain size in polycrystals. However,
since this model is based on assumptions of a formation of dislocation pileups in
the vicinity of grain boundaries, the assumptions of this model are not met in the
case of grains with sizes approaching the size of dislocations. On the contrary a
decrease of the yield stress and hardness with the decrease of grain size have been
reported by numerous experimental studies [6, 7] for sufficiently small grains. A
possibility of obtaining more detailed information on materials microstructure
development during straining was introduced with advances in in situ transmis-
sion electron microscopy techniques. A direct observation of the material during
indentation with indenters of various shapes enabled to directly visualize deforma-
tion mechanisms such as emission of dislocations or grain boundary sliding [8, 9].
Furthermore, an implementation of MEMS device allowed a successful perfor-
mance of tensile in situ TEM experiments [10] with a benefit of easier derivation
of material properties from measured force-displacement functions.
The power of computers constantly growing over the past decades conditioned
the use of computer simulations as a way of predicting the behaviour of various
studied issues. More advanced methods and code interfaces were developed so
that computational methods are now comparable to theoretical and experimen-
tal ones. Several approaches may be taken when simulating a specific process of
interest. To model the interactions between atoms, empirical representations or
ab initio quantum mechanical methods are most commonly used [11]. Both these
approaches can be then used in tools employing models in individual applications
such as lattice energy modelling, calculations of lattice dynamics, the molecular
dynamics simulations method or the Monte Carlo simulation method.
Molecular dynamics (MD) is a simulation method based on a simple concept of
using Newton’s equation of motion to predict the time evolution of individual
atoms [12]. In a given configuration of atoms, a force on each atom is computed
by either empirical or quantum mechanical methods and is converted to acceler-
ation. A numerical time step is used to predict the position of the atoms after
the time step from the information on the current and previous atomic positions,
velocities and accelerations. One of the benefits of this approach applied on a
mechanical straining of thin films is the possibility to observe deformation mech-
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anisms in atomistic details. Studies of size effects of different crystal structures
[13], as well as orientations [14] and the role of grain boundary migration and
grain rotation [15, 16] have been conducted using MD. However, certain con-
strains sprouting from the construction of MD algorithm are present, restricting
the simulations of deformation to sufficiently small dimensions and deformation
rates higher than the ones used in experiments.
In this work an in situ TEM deformation of polycrystalline thin FCC films have
been carried out in order to determine the effect of small grains and restricted
volumes on material properties and deformation mechanisms. The experimental
results were then used to construct a molecular dynamics simulation conditions
resembling the ones used in the experiment and effects of changes of individual
simulation parameters were examined with consideration of detected experimen-
tal outcomes.
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1. Review of thin metallic films
studies: experimental
1.1 Metallic thin films
Generally, there are two definitions where a metallic film is considered thin. In
the case of films deposited on substrates, the decisive factor is the ratio of the
film and substrate thickness. Thin usually means that the film is significantly
thinner than the substrate to which it is bound [17]. The second way to regard
a film as thin is when its dimension approaches microstructural film dimensions
such as grain size and dislocation spacing.
The interest in mechanical properties of thin films was caused by expanding appli-
cation of thin-film structures in microelectronic, magnetic, thermal and optical
devices. Despite of essentially functional, non-structural, applications of these
devices, significant stresses can be established during the fabrication and the op-
eration of the films. For instance, the interconnections in field effect transistors
[18], an essential part of a microprocessor, are usually made from pure metals
with high electrical conductivity and the strains imposed in them are controlled
by thermal expansion differences. The evolution of stresses in these intercon-
nections (often distributed inhomogeneously) is usually controlled by plasticity.
Therefore any thermal cycling can lead to the concentration of stresses and strains
and localized failure. Therefore, to ensure the reliability of functional materials,
knowledge of the mechanical properties of thin films is required. In addition, thin
films are now widely used in micro- and nano-electro-mechanical-systems (MEMS
and NEMS) wherein thin film structures are created to produce devices such as
thermal sensors, accelerometers and actuators. Here the mechanical properties
are of primary importance.
1.2 Testing methods
Dimensional constraints and the microstructure developed during the thin film
growth are causes for a difference of their behavior when compared to materials
in bulk forms [19]. Various techniques have been developed to study mechanical
properties in small dimensions. Most common approaches for the characteriza-
tion of thin films on substrates include thermal cycling [1], bulge testing [20],
microtensile testing [21] or nanoindentation [2] techniques.
The thermal cycling method is based on different thermal expansion coefficients
of the film and the substrate. The film/substrate composite is subjected to a
thermal cycle and the stress is monitored by measuring the substrate curvature
or by X-rays. However, the details of measured curves are difficult to interpret
because the strain and temperature cannot be varied independently in these ex-
periments. A study of strengthening mechanisms of thin Cu films by this method
[1] showed a linear increase of tensile stresses at room temperature with reciprocal
film thickness and the general discrepancy of mechanical properties of a thin film
and bulk material of the same composition was reconfirmed.
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In bulge testing [20], a freestanding film membrane is clamped to a circular ring
and pressurized from one side, thus deforming the film by bulging (fig. 1.1a).
The modulus, yield, fracture strength and residual stress of the film can be de-
termined from measuring the applied pressure along with the height of the bulge.
Sub-micron aluminum films studied by bulge testing [20] yielded values of Young’s
modulus in agreement with published data for bulk aluminum. The ductility of
thin films is substantially lower, and the stress level is higher in the films than in
the bulk material.
Tensile testing, a popular method used in macroscopic samples where a dog-bone
shaped specimen is loaded in tension (fig. 1.1b), has not been commonly used
for thin film testing due to problems with the specimen shaping, manipulation,
gripping and measurements. Despite of disadvantages, a possibility of direct ex-
traction of material properties from the measured data with no calibration model
necessary along with the applicability to both free-standing films and films on
substrate provide enough benefits to realize tensile experiments [22].
Few methods of tensile testing of films on substrates have been used. One of the
first approaches was developed by Ruud et al. [23]. Free standing 5 µm thick
films were sandwiched between aluminum grippers and elongated by a computer
controlled motor driven micrometer attached to one side. The force was measured
by load cell in series while for the displacement measurements laser diffraction
spots from a grating applied on the film surface by photo-lithography were used.
Cu, Ag and Ni thin films with a strong {111} texture were tested with measured
Young moduli 120 GPa (Cu), 84 GPa (Ag) and 201 GPa (Ni). A similar tech-
nique where a dog-bone shaped specimen of film supported by a silicon frame was
made and the frame was cut before testing was used on multilayer Al-Ti-Al 2 µm
thick film [21]. Yield strength between 90 and 120 MPa and ultimate strength
between 145 and 200 MPa were measured while no acceptable values of Young
modulus were produced. Moreover, free standing gold films were tested by Emery
and Povirk [24] with measured elastic modulus 88±11 GPa during loading and
84±9 GPa in unloading. Values of yield strength ranged between 90 and 340
MPa depending on the film thickness. Several films were tested at strain rates
that varied over two orders of magnitude (5·10-4 s-1 to 5·10-6 s-1), however no
significant effect of strain rates on mechanical properties was observed.
Another method dealing with inconveniences linked to a manipulation of free
standing thin films was the use of substrates that can be either elastically or
plastically deformed [25]. In the second case, the force displacement curves of
specimen without the film should be measured to separate the portion of the
force required for the deformation of the film. Aluminum films from 60 to 480
nm thick were tested and the tensile strength increased from 196 to 408 MPa.
Effect of grain size on tensile strength obeyed the Hall-Petch relation.
A useful technique for studying deformation of thin films on substrates is nanoin-
dentation where a sharp diamond indenter is forced into the surface of a film (fig.
1.2) while load – displacement curve is being measured. The deformation re-
sponse on loading is both plastic and elastic while on unloading primarily elastic
deformation occurs. However, the strength of substrate bounded films is signif-
icantly influenced by the film/substrate interface and it is difficult to derive the
properties of the free-standing film from the above mentioned technique. For
example, the flow stress of an aluminum film measured by tensile tests at room
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(a) (b)
Figure 1.1: (a) example of bulge test [3] (b) tension test geometry [24]
temperature gives value 102 MPa for thickness 2 µm or 126-184 MPa for thickness
1 µm with varying grain size [26]. The bulge test gives values of 10-30 MPa for
the flow stress of 1 µm thick film [27], however sensitivity of the bulge test to the
initial stress state of the film may lead to large systematic errors.
Figure 1.2: Illustration of an interaction of nanoindenter with a sample [28]
Nanoindentation technique applied on Al film on Si substrate revealed a surpris-
ingly high value of 170 MPa in the limit of zero indentation depth [29] suggesting
a local source hardening. A comparison of the flow stress of free-standing Al
films to the stress of Al films on Si substrate measured by the same method [30]
yielded considerably smaller values for free-standing films with strong relation
to grain size and temperature. This clearly demonstrates the necessity of differ-
ent experimental methods in order to measure properties of thin films without
the influence of the substrate. The separation of material properties free from
the substrate allows direct observation of the influence of the sample size - the
size effect. Although a variety of different properties such as thermal and elec-
trical conductivity or optical properties depend on the sample size, in the case
of crystalline metals one of the main aims of material science is their strength
enhancement. The size effects related to Young’s modulus, material strength or
diffusion processes in crystalline metals are usually a result of a combination of
intrinsic and extrinsic contributions. Intrinsic size effects include microstructural
properties such as grain size, the average distance of second phase particles or
precipitates, and dislocations mean free path. Finally, the external sample geo-




A successful experimental method enabling direct measurement of properties of
micro-sized materials was found in microcompression testing. It is an analogy of
compression experiments commonly performed on macroscopic samples where a
sample in a shape of micro-sized pillars attached to the rest of the bulk material
is deformed by compression with a flat-punch indenter tip with the bulk acting
as a lower compression plate. The first micropillar compression experiments were
conducted by Uchic et al. [31, 32] on pillars prepared by focused ion beam (FIB)
(fig. 1.3) micromilling from pure Ni and Ni3(Al, Hf) monocrystal samples. The
dependence of material strength on pillar size has been explored, revealing a
considerable increase of strength with the decrease of the sample size. Pillars in
size range from several µm down to 500 nm were used in the experiment.
Figure 1.3: Illustration of a single crystal micropillar used in a compression ex-
periment [32].
A detailed review of pillar compression experiment procedures, results and possi-
ble governing mechanisms has been composed by Uchic et al. [33] and two other
groups of authors [34, 35]. Most of the micropillar compression studies have been
focused mainly on FCC metals because of the extensive knowledge of deformation
processes and structures in bulk FCC samples. The most addressed feature of
studies of pure Ni [36, 37], Au [38], Al [39, 40] is the above mentioned strong
dependence of yield stress on sample size for samples with diameter under tens
of micrometers. This results in uncommonly high yield stresses for single crys-
tals of diameter in submicrometer scale e.g. reaching up to 2 GPa for 200 nm
wide Ni microcrystals [41]. The measured yield stress in the regime in which size
dependent strengthening occurs follows power law dependency of pillar diameter
D:
σ = A · D−n, (1.1)
where A is a constant and n is the power law exponent. This relationship hold
for diameters from hundreds of nanometers to tens of micrometers. The power
law exponent for FCC metals varies, but does not exceed range 0.5 – 1.
1.4 Theoretical models of size effects
Several theoretical models attempting to interpret the size related experimen-
tal observations have been suggested, mostly regarding dislocation motion and
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creation in restricted dimensions. Among them, the source truncation, source
exhaustion hardening, and weakest link theory are the three underlying mech-
anisms mostly addressed by the researchers [42]. The source truncation refers
to a transformation of double-ended dislocation sources into single-ended ones in
confined volumes due to a dislocation interaction with free surfaces. The number
of new dislocation sources decreases with the sample size, thus a higher strength
was observed in smaller samples [43]. The source exhaustion mechanism is con-
nected to the loss of mobile dislocations due to their escape from free surfaces
or because of the lack of dislocation sources. The mobile dislocation density is
then too low to sustain applied plastic flow and a larger stress should be applied.
This is termed as the exhaustion hardening [44]. A special case of the source
exhaustion mechanism is dislocation starvation [45] based on a fact that the dis-
location must travel a certain distance before multiplication. If the sample size
is smaller than this distance, the length of dislocations escaping from the free
surface exceeds the length of dislocations created by their multiplication.
Figure 1.4: Sketch of double-pinned Frank–Read sources becoming single-ended
sources in finite dimensions [43].
The weakest link theory [46] describes sample strengthening in confined volumes
such as pillars. It states that there is a mean-field limit for any crystal, for which
the dislocation ensemble of larger samples behave according to the conventional
forest hardening mechanism. However, for samples smaller than the mean-field
limit, the effective length of dislocation sources breaks down. In these small
samples, the longest and the weakest dislocation sources do not exist, resulting
in an enhanced contribution of the forest-hardening mechanism [42].
Along with the extrinsic size effects extensively studied by microcompression
testing, microstructural properties, particularly grain size, play a significant role
in dislocation nucleation and motion. Traditionally, the effect of yield stress σy
on average grain size d is modeled by the Hall-Petch relation [4, 5]:
σy = σ0 + ky
√
d, (1.2)
where σ0 is a materials constant and ky is the strengthening coefficient. The model
is based on the interference of dislocation motion by grain boundaries. The gen-
erated dislocations move inside the grains until encountering a grain boundary,
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where they form a dislocation pile up. Each dislocation in the pile up gener-
ates a repulsive stress field acting on other dislocations. As more dislocations
stack at the boundary, the repulsive force applied on the grain boundary adja-
cent dislocation increases and reduces the energetic barrier for inter-boundary
dislocation diffusion. By decreasing the grain size, less dislocations can pile up at
the boundary and a higher stress is necessary to force the dislocation to overcome
the boundary [47].
The Hall-Petch model provides good approximation for reasonably large grains,
but it loses its justification for the nanocrystalline materials when the size of
dislocations begins to approach the size of grains. This behavior is typically ex-
pected to occur for grain sizes below 10 nm [48]. Experimental observations of
many systems show reduced or negative strengthening coefficient in Hall-Petch
slope, commonly named as inverse Hall-Petch effect [49, 50, 51]. Regardless of
the prediction, transition to inverse Hall-Petch usually occurs at grain sizes above
10 nm, where the dislocation pile ups are still possible. Several models for in-
verse Hall-Petch behavior have been proposed, mostly based either on dislocation
motion [52, 53], diffusion [54, 55], grain boundary shearing [56, 57] or two phase
material assumptions [58, 59].
Dislocation based models take dislocations as the main contribution to the plastic
deformation and examine the way the small crystalline sizes affect their behavior
due to for example changes in dislocations energy, changes in operation of dislo-
cations sources or absorption of dislocations by grain boundaries.
Diffusion-based models either assume diffusion processes in strain rate regimes
and temperature ranges where they do not usually occur or combine the diffusion
processes with different deformation mechanisms to explain the inversion in Hall-
Petch slope. Grain boundary-shearing models assume the boundaries deforming
by grain-boundary shear with a regularly behaving grain interior. The models
are supported by observations in several molecular dynamics simulations.
Two phase models differentiate grain boundary and grain interior as two different
phases. One model assumes grain boundary to be continuous material strength-
ened by nanocrystalline grains, another assigns a different yield strength to the
individual phases. An approach based on a statistical absorption of dislocations
by grain boundaries proposed by Carlton and Ferriera [60] explains experimental
observations by a non negligible dislocation activity in nanocrystalline materials
despite a low dislocation density.
A decrease of grain size necessarily results in an increased volume of grain bound-
aries and is often connected with a change of the deformation mechanism. While
in coarse-grained metals, the plastic deformation is controlled by intragranular
mechanisms, nanocrystalline grains can be deformed by grain boundary (GB)-
mediated mechanisms. These mechanisms might include grain boundary sliding
[61] (fig. 1.5a), dislocation nucleation from the grain boundary [62], mechanical
twinning, grain boundary rotations (fig. 1.5b) or even grain boundary motion.
Several mechanisms can potentially be active with dominant deformation modes




Figure 1.5: (a) Grain boundary sliding model - position of grains before and after
the left layer has slid upward. (b) Rotation of neighboring grains and formation
of elongated grains by an annihilation of the boundary [47].
1.5 In situ TEM deformation
Advances in in situ transmission electron microscopy techniques brought a pos-
sibility of direct observations of the materials microstructure evolution by TEM
during deformation by nanoindentation [63]. With this technique, a direct study
of polycrystal ultrafine-grained materials became possible and the influence of
grain boundaries along the reduced sample dimensions could be investigated. To
do so, constraints linked to a low thickness of the sample (it should be electron
transparent), its accessibility to the indenter in direction normal to the electron
beam, and mechanical stability (indentation not bending the sample) should be
resolved. A review by Nili et al. [64] provides an overview of in situ nanoinden-
tation approaches and results. In situ nanoindentation measurements by Minor
et al. [65] on polycrystalline Al films with the grain size significantly larger than
the contact area of the indentation provided observation of dislocation nucleation,
characterization of the dislocation distribution created by indentation, and the
observation of indentation-induced grain boundary motion. The Al films were
deposited on silicon substrates formed in the shape of a wedge, peaked with a
plateau by evaporation. The indentation was made into the cap of film on the flat
top of the wedge. Nucleation and increase of dislocation density with deformation
was observed, however the motion of individual dislocations was too fast to be
captured. It was shown that the evolution of plastic zone during indentation at
shallow indentation depths into initially dislocation-free Al films depends more
on the microstructure of the film than on the indentation depth. Additionally,
significant grain boundary motion was observed during the indentation suggesting
participation of grain boundaries in the deformation of the film.
Further study by these authors [8] was focused on values of the shear stress at
the onset of plasticity. Again, a dislocation free polycrystalline Al film was in-
dented by a Berkovich indenter while monitoring the force-displacement curves.
The first dislocation nucleation accompanied by a local force build-up appeared
at very small forces -1.5 µN and quickly faded with dislocations gliding and es-
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(a) (b)
Figure 1.6: (a) Configuration of nanoindentation experiment of a thin film. (b)
Images of the Al grain before and after the indentation in dark field and bright
field [65].
caping through the surface. The order of corresponding shear stress -1.95 GPa
matched the values from conventional nanoindentation experiments. Moreover,
it was shown that a submicrometre aluminum grain with dislocation density of
≈1014 m-2 is also capable of supporting shear stresses close to the theoretical
shear strength. The boundary mobility, a typical deformation mechanism in fine
grained metals at elevated temperatures, was further studied by Winning et al.
[66] on aluminum bicrystals by using X-ray diffraction to determine the grain
position. Both low-angle and high-angle grain boundaries in pure Al were shown
to move by an external shear stress at temperatures above 200 ◦C. Another phe-
nomenon observed during compression tests of Al thin film during deformation
at room temperature is grain growth by consumption of neighboring grains [9].
Disappearance of Al grains of sizes smaller than 150 nm and coarsening of the
favorably oriented neighbors were observed as a result of the decrease of the
free energy of the system. In situ nanoindentations at room temperature were
performed by Jin et al. [67] on both ultrafine grained Al films with distribu-
tion of grain sizes between 100 and 500 nm and nanocrystalline films with grain
size under 20 nm. Deformation-induced grain growth at the expense of sur-
rounding smaller grains was observed when indenting the submicrometer grains.
In the case of nanocrystalline films, the grains could not be observed directly
but sudden contrast changes in different dark field modes suggest grain growth
mechanisms, as well as grain rotation. Both grain growth and rotation occurred
almost immediately upon indentation. Both materials were also indented by ex-
situ nanoindentation and load-displacement curves showed multiple displacement
bursts during indentations on the submicrometer-grained Al film while continu-
ous load-displacement behavior with no discrete displacement bursts was observed
when indenting the nanocrystalline films. A complementary study by Soer et al.
[68] was focused on an effect of solute Mg on the grain bounary motion in Al-Mg
films. Grain boundary motion in ultrafine-grained Al during nanoindentation was
confirmed and it was found that solute Mg effectively pins high-angle boundaries
while the mobility of low-angle boundaries remains unaffected.
Realization of tensile in situ TEM experiments have been successfully accom-
12
plished with the implementation of a MEMS device. Kumar et al. studied tensile
properties of free standing nanocrystalline Ni films [10]. Sheets with thickness
between 30 and 40 µm with average grain size 30 nm and sheets 100 µm thick
with grain size around 40 nm were produced by electrodeposition, and TEM
samples were prepared by twin-jet polishing technique. Authors report an emis-
sion of dislocations at grain boundaries along with an unaccommodated grain
boundary sliding. Nucleation and growth of voids and a wedge crack along grain
boundaries, as well as a formation of twins were observed during the deformation.
Another tensile testing of free standing Ni thin film was performed by Hugo et al.
[69] using a wedge-shaped straining specimen. Dislocations, identified by their
abrupt and synchronous motion, were observed in larger grains (above 30 nm)
while contrast changes observed in smaller grains (≈10 nm) were not identified
and were assigned to either grain rotation, global tilting or dislocation nucleation.
Altogether, intense dislocation activity inside grains was concluded as a prevalent
deformation mechanism. On the other hand, tensile tests performed on Al thin
films [70] showed limited dislocation activity inside grains. Partial dislocations
bounding stacking faults were observed and dislocation activity in grain bound-
aries at higher stresses was reported. At about 680 MPa failure accompanied by
a brittle crack occurred.
Figure 1.7: MEMS device used for in situ tensile deformations of thin films [70].
Similar results were obtained by Hattar et al. [71] when studying 200 nm thick
Al films. No significant dislocation activity along with change of the contrast
in several grains were observed at initial stages of the deformation. However,
a dislocation activity was observed in the vicinity of the propagating crack. A
study of 300 nm thick Al film with columnar grains with a mean size of 250 nm
and (111) texture perpendicular to the film [72] reports dislocation glide inside
grain boundaries for deformation below 2% and intragranular plasticity in larger
grains along with grain boundary migration most likely triggered by GB dislo-
cation activity for deformation above 2%. At larger deformations, the motion of
intergranular dislocations led to GB sliding and eventually to cavitation. A grain
boundary mobility sometimes correlated with the motion of GB dislocations was
also observed during tensile deformation of an Al polycrystal with average grain
size of 800 nm [73].
In situ bright field (BF) transmission electron microscopy nanomechanical ten-
sile testing and in situ automated crystallographic orientation mapping in TEM
(ACOM-TEM) were combined in work of Hosni et al. [74] in a study of ultrafine
Al films with average grain size 300 nm with a strong (111) texture perpendicular
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to the deformation direction. In BF TEM image, observation of bend contours
was reported suggesting a change of local orientation of grains. Local distortion
of the contrast of bend contours at higher strains and a quick disappearance of
dislocation lines was assigned to the dislocation starvation mechanism. In-situ
ACOM-TEM maps taken after deformation to strain ϵ ≈ 0.01 and unloading
showed an average orientation change of 1.3◦ of the grains and no further orienta-
tion changes after deformation to higher strains. No grain growth or deformation
twinning were observed. ACOM-TEM was also used to study thin Au film with
(111) texture in direction perpendicular to the surface and average grain size of
37 nm [75]. An anomalous grain growth with small grains shrinking to the ad-
vantage of neighboring larger grains, local twinning and detwinning and crystal
orientation changes due to grain rotation were observed with increasing strain. A
significant global increase in grain size was observed at higher strains. Mompiou
et al. [76] used ACOM-TEM on equiaxed grains with a strong (111) texture per-
pendicular to the film and mean grain size of about 250 nm. Again, grain growth
and grain rotation mechanisms carried out by the nucleation and propagation of
GB dislocations were observed.
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2. Review of thin metallic films
studies: molecular dynamics
simulations
2.1 Introduction to molecular dynamics simula-
tions
Molecular dynamics is a name for computer simulation method that predicts the
time evolution of motions of individual atoms or molecules in models of solids,
liquids, and gases. The calculation is based on numerical integration of Newton’s
equation of motion for known initial conditions of the atoms and their interatomic
potentials [12]. Since its first introduction in 1950 studying the interaction of a
hard sphere system [78], the method has vastly advanced and several different
simulation approaches are now widely used. Examples of most common applica-
tions include study of motions of macromolecules, such as protein folding [79], or
examining mechanical properties of nanotechnological devices [80].
An idealized model of the examined system is needed for any MD simulation [81].
This model is mathematically described by physical laws given initial and bound-
ary conditions. The calculation of resulting algorithm is carried out numerically.
Three sets of conditions are specified for each atom at the beginning of the sim-
ulation – its coordinates, velocity, and acceleration [77]. For crystal materials a
simple choice of the coordinates is with atoms at sites of a correspondent lattice.
The initial velocities depend on the temperature, their directions are randomly
assigned and then adjusted to keep the center of mass stationary. Initial acceler-
ations are usually set to zero.
Only a limited number of atoms can be used in MD in reasonably short compu-
tation time and memory. Since the simulation takes part in a container, rigid
walls would distort the bulk properties of the material for standard number of
atoms used in simulations [77]. By employing periodic boundary conditions, the
properties of infinite bulk can be simulated with only a small number of particles.
The unit computation cell is repeated in all directions so that it is surrounded by
identical cells with particles which all behave identically (fig. 2.1). If a particle
Figure 2.1: Periodic boundary conditions in 2D [77]
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leaves the cell on one side, it reemerges on the opposite side of the cell keeping
the total number of particles constant.
The most fundamental model for any substance uses spherical particles inter-
acting with each other. Interactions occur, at the simplest level, between each
pair of particles and can be described by interatomic potential functions. Most
common model potential describing the nature of pair interactions is known as
Lennard-Jones potential [81]. The potential energy can be written as
u(rij) = 4 · α[(
β
rij
)12 − ( β
rij
)6], (2.1)
where rij is a distance of two atoms and α, β parameters controlling the inter-
action strength and defining a length scale. It is customary to set the potential
value to zero after distance rij exceeds some limit rc. The force f corresponding
to the potential u(r) is determined by its gradient
f = −∇u(r) (2.2)








where the sum is over all N atoms and mi is the mass of i-th atom. By numerical
integration of the equations, the particle positions as a function of time can be
calculated.
However, a simple pairwise approach for modeling interatomic potential is not
sufficient when describing directional covalent bonds [82]. Moreover, time execu-
tions of summations in the equation 2.3 over all N system particles scales as N2
[81]. More advanced methods including many-body interactions and time reduc-
ing approximations need to be used.
Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) is a clas-
sical molecular dynamics code developed at Sandia National Laboratories [83]. It
uses parallel algorithms suitable for MD models in order to optimize computation













F3(ri⃗, rj⃗, rk⃗) + ..., (2.4)
where mi is the mass of i-th atom and ri, vi its position and velocity vectors
and Fn is a force function of interatomic interactions (n=2 for pairwise, n=3
for three-body interactions, etc.) gained by equation 2.2 from terms of many
body expansion of the total potential. The many body expansion is a scheme
decomposing energy of system of N particles to N terms, the first term being the
sum of the energies of individual particles, the second term sum of energies of
all the particle pairs minus the energy of individual particles and so on. Several
approximations of equation 2.4 are used to reduce the computational complex-
ity of the problem. Firstly, only first, possibly first few, terms are kept and the
force function F2 is constructed to include also many-body and quantum effects.
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Secondly, in the case of short-range interactions, only terms concerning a small
region around each atom usually defined by a cutoff distance, are included in the
computation. For this purpose, either a list of neighbors, which updates after
every few timesteps, is kept for each atom or a binning of atoms into 3D cells
with side length equal to the cutoff radius is made. The fastest MD algorithms
combine both methods. Aside from the Newton equations approximations, par-
allelism of MD algorithms is implemented in order to reduce the computation
time. The system is decomposed either to a fixed subset of atoms, fixed subset
of inter-atomic forces or fixed spatial region. The benefits of the particular ap-
proaches depend on a geometry of a problem.
Force function in LAMMPS can be derived from a wide selection of interatomic
potentials e.g. embedded atom method, Stillinger-Weber, Tersoff, REBO poten-
tials [85], which encompass a variety of interactions including many-body effects.
In this work, modified embedded atom method, a modification of embedded atom
method, potentials are used.
Embedded atom method (EAM), an approach proposed by Daw and Baskes
[86, 87], views total energy of the solid as a sum of energies of an atom when
embedded into a local electron density and energies of electrostatic interactions










where Ei is the embedding energy required to place atom i into the local electron
density field, ρh,i is spherically averaged atomic electron density around atom i,
Uij is and electrostatic two-atom interaction and Rij distance between atoms i
and j.
The electron density of a solid can be described as a linear superposition of atomic
densities making energy a function of atom positions. A background density ρb





Where ρa is an electron density of an atom and R is its position. Since it is useful
to define embedding energy as a function of a constant density as done in eq. 2.5,
an average background density ρb̄ equal to the sum of neighbor electron densities





Rij stands for distance of atoms i and j. The summation is often reduced to a
limited quantity of neighbors by a cutoff radius.
The embedding function for each element, a pair potential for each element pair
and an electron density function for each element needs to be known for an alloy
coherent energy computation [88]. For example, in the case of a binary alloy
three pair-wise interactions, two embedding functions and two electron density
contribution functions are necessary for a computation of EAM potential.
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The main advantages of this approach are its simplicity compared to energy cal-
culations from Schrodinger equation as well as its incorporation of many-atom
interactions, which is not included in a simple pair interaction approximation.
The inclusion of many-atom interactions originates from non-linearity of embed-
ding energy function at higher electron densities and makes the method adequate
for computations of chemically active elements. Due to its computational sim-
plicity and inclusion of many-atom effects it is regularly used for calculations in
close-packed metals and has been successfully applied to many problems such as
phonons [89], liquid metals [90], alloys or grain boundary structure [91].
Modified embedded atom method (MEAM) follows the assumptions of EAM with
a total energy given by eq. 2.4 while its main difference ensues in expression of
local electron density [92]. Instead of a sum of atomic electron densities of sur-
rounding atoms (eq. 2.6), the term is generalized to involve angular relation of
the atom positions. Hence, the method could be applied to materials with cova-
lent bonds [82] together with a range of different metal structures [93].
Temperature in MD can be controlled by different thermostatting algorithms.
One of the most common approaches, Nose-Hoover thermostat, is in LAMMPS
performed by a time integration of non-Hamiltonian equations of motion derived
by Shinoda [94]. The position and velocity of atoms in the group are updated
in each timestep. The time integration schemes closely follow the time-reversible
measure-preserving Verlet and rRESPA integrators derived by Tuckerman et al
[95].
2.2 MD of thin films: tensile and compression
experiments
MD simulations of a micropillar compression enable to study deformation mech-
anisms of crystalline materials in full atomistic details, in particular role of free
surfaces and exact deformation mechanisms. Restrictions of simulation scope is
given mainly by a sample size and simulation time scale. For this reason, ef-
fects of strain rate and sample size on the simulation results have been largely
investigated. Moreover, studies of the size effects of different crystal structures,
orientations and other effects on deformation mechanisms have been conducted.
An effect of the size of a gold nanowire on its yield strength was investigated by
Diao et al. [13]. In the case of very small wire diameters, the strength was shown
to depend on the surface stress. One of the most comprehensive MD studies of
micropillar comression has been performed by Sanzos [96] on copper pillars with
diameter from 11 up to 70 nm. Samples with initial dislocation density were gen-
erated by annealing and quenching. The results showed a correlation of the strain
necessary for a transition between dislocation exhaustion and source-limited ac-
tivation with the pillar diameter. Other extensive study of size effect mechanisms
of FCC pillars has been performed by Yaghoobi and Voyiadjis [97]. Six Ni pillars
of diameters from 22.5 to 135 nm and heights from 30 to 75 nm were simulated
along with a large pillar with 150 nm in diameter and a height of 300 nm. The
pillars were compressed along an axis parallel to the [111] direction. By analysis
of the stress after initial dislocation nucleation, the size effects were observed for
45 nm long pillars with diameter smaller than 90 nm. The dislocation density
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evolution as a function of strain suggested a source-limited activation as a lead-
ing size effects mechanism for the pillar with diameter of 22.5 nm. In the case
of source limited activation, the mobile dislocations are driven out of the sample
during loading and the stress increases until a nucleation of a new dislocation. In
the 45 nm high pillar with a diameter of 45 nm, the leading size effect mechanism
has shown to be the exhaustion hardening where the loss of dislocation sources
in small volumes leads to a decrease of the dislocation density with increasing
stress.
Due to the restricted scale of MD simulations, the majority of compression cac-
ulations are performed at strain rates higher than the ones used in experimental
observation. The effect of strain rate on simulation results has been investigated
by Yaghoobi and Voyiadjis [98] on two pillars sized 90x45x45 nm and 300x150x150
nm. The compression of pillars was performed under three different strain rates
6.66·108 s-1, 3.33·108 s-1 and 1.66·108 s-1. The investigation of sample strength
and dislocation length in the pillars showed that smaller strain rate leads to larger
size effects. Studies of yield strength of copper single crystals under different ori-
entations [14] showed increase of yield strength with increasing strain rate. Strain
rates between 108 and 1011 s-1 were used in the simulation.
Influence of orientations of copper single crystals on a strain rate has been stud-
ied for three different orientations by Dupont and Germann [14]. The largest
strengthening with the increasing strain rate occurred along [110] direction, while
[111] orientation showed the least dependency. No strengthening along [001] was
explained by a rearrangement of atoms from FCC to BCC. A study of plastic
deformation mechanisms of Al nanopillars under four different orientations was
performed by Xu et al. [99]. Stacking faults bounded by partial dislocations
prevailed in [001] oriented nanopillars while full dislocations played main role in
deformation of [111], [112] and [265] oriented nanopillars. Compared to [112] and
[265] oriented nanopillars, more slip systems nucleated in [001] and [111] oriented
pillars, which leads to more frequent dislocation interactions and therefore less
probable achievement of dislocation-starved condition and smaller fluctuations of
flow stress.
Many different parameters of the compression simulation have been investigated
including effect of selected boundary conditions [100], grain boundary effects
[101], and temperature [14].
2.3 MD of thin films: deformation of polycrys-
tals
Experimental observations of a grain rotation along with other processes such
as grain coarsening and dislocation motion during plastic deformation in poly-
crystalline materials motivated the use of MD for simulations of grain boundary
effects on deformation mechanisms.
Van Swygenhoven et al. [102] used atomistic approach to model plastic behavior
of two FCC metals with different stacking fault energies, Ni and Cu. A transi-
tion from an intergrain to an intra-grain plasticity was observed under critical
grain sizes with values depending on the stacking fault energy. At the smallest
grain sizes the GB sliding prevailed as a dominant mechanism while at higher
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grain sizes intrinsic stacking faults produced by a motion of Shockley partial dis-
locations were observed. The effect of grain size on deformation mechanisms of
nanocrystalline FCC metals was further studied by Yamakov et al. [103, 104].
A nanocrystalline Al film with four grains oriented by rotations around [110]
z-axis was deformed under constant tensile load at 300 K. An EAM potential
modified for Al so that stacking-fault energy increased from 104 mJ/m2 to 122
mJ/m2 was used in the simulation. Results revealed extensive deformation twin-
ning produced by both successive emission of Shockley partials from the grain
boundaries onto neighboring slip planes and dynamical overlap of the stacking
faults as well as dislocation-slip mechanism for large plastic strains (12%). Tensile
deformation of 15 nm thick Al sample consisting of 15 grains with sizes of ap-
proximately 14 nm with grains created using by the Voronoi construction using
random grain orientations was used to study the stress-driven grain boundary
motion in nanocrystalline thin films [15]. The simulation showed stress-driven
GB motion, grain growth and surface topography changes related to step heights
at grain boundaries and grain rotations.
Considerable attention has been directed on the influence of GB on the indenta-
tion produced deformation mechanisms. GB acting as a dislocation sink and GB
sliding when the indenter-substrate surface contact area becomes comparable to
the grain size has been observed in 3D samples with mainly high-angle GBs and
average grain sizes up to 20 nm [105, 106, 107]. Cooperative GB sliding via the
formation of shear planes that extend over a number of grains has been observed
in simulations of Ni with an average grain size of 6 nm [108]. Heterogeneous nu-
cleation (which has a lower athermal threshold stress than that of homogeneous
nucleation inside the perfect lattice) of partial dislocations has been observed on
Cu samples with an average grain diameter of 10 nm [109]. Only partial disloca-
tions nucleated at GBs propagating without trailing partial have been observed
under compression or tension in grains with diameters under 50 nm [110, 107].
Two possible explanations were proposed, a relaxation of GB after the nucleation
of the leading partial making the nucleation of trailing partial more difficult or
simply the trailing partial does not nucleate in a short simulation time typical
for MD. Full dislocations have been observed in Al with 2D-columnar grains of
the size higher than 20 nm [111]. Yoon, Kim and Jang [112] observed lattice
dislocation absorption induced GB migration. Hasnaoui et al. [113] report more
complex interactions of lattice dislocations with GB in indentation simulations
of nanocrystalline Au using an indenter smaller than the grain size, revealing
that GB can emit, absorb and repel dislocations. Simulations of grain structure
stability in Cu samples with a variety of boundary types under suitably high
stress imposed by nanoindentation predict for nanocrystalline FCC metals with
high-angle random boundaries a high probability of the grain size instability for
grains with sizes below 50 nm at absolute zero or below 70 nm at room tempera-
ture [114]. The grain growth then leads to a decrease of strength characteristics.
A stability of FCC materials under the same conditions was reached in samples
with optimal nanotwined structures.
Interactions of dislocations with grain boundaries investigated using ∑︁= 5 (210)
[001] grain boundary parallel to the indentation surface showed that the disloca-
tion transmitted across the grain boundary leaves a step in the boundary plane
[115]. For comparison, the indentation of the sample with a and without the
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grain boundaries showed that the indentation was slower in the first case, which
was ascribed to the interaction of dislocations with the GB.An effect of a single
surface step was studied by Zimmerman et al. [116], showing that the load nec-
essary for the heterogeneous nucleation of dislocations decreases significantly in




Aluminum films with thicknesses of 50 and 150 nm were prepared by DC mag-
netron sputtering. A target with a diameter of 50 cm cut from a 1 mm thick
sheet of Al3wt.%Mg alloy of a technical purity was used in the sputtering pro-
cess. The film was sputtered in argon under 0.34 Pa working pressure onto a
glass substrate partially covered by a polymer tape. Low working pressure was
chosen to prevent the formation of alumina oxide Al2O3 and therefore ensure the
purity of sputtered film. Current and voltage values during the deposition were
≈ 100 mA and ≈ 5 V, the deposition rate was ≈ 30 nm/min.
3.2 Sample preparation
To obtain a free standing sample for TEM observations, the tape with film was
cut into pieces which were attached to a TEM copper grid with 3 mm diameter
by a conductive glue and subsequently the polymer was dissolved by repeated
rinsing in toluene and acetone.
The samples for in-situ tensile experiments were prepared in scanning electron
microscope (SEM) Zeiss Auriga using focused ion beam (FIB). Dog-bone shape
was cut from the film and secured onto Hysitron Push-to-Pull (PTP) device (fig.
3.1) with stiffness 150 N/m by a layer of platinum deposited by gas injection
system (GIS).
Figure 3.1: Push-to-pull testing device from Bruker [117]
3.3 Transmission electron microscopy
The material was characterized by conventional TEM in BF, scanning transmis-
sion electron microscopy (STEM) and automated crystal orientation phase at
TEM JEOL 2200FS operated at 200 kV equipped with ”Spinnig Star” electron
precession from NanoMEGAS with an ASTAR software package.
In automated crystal orientation mapping, a precessing electron beam is scanned
over the sample while collecting electron diffraction patterns from different spots
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of the scanned area (fig. 3.2a). The collected patterns are than compared with




Figure 3.2: (a) Schematic images of a precessing beam scanning along the sample,
(b) illustration of diffraction pattern matching, (c) correlation indices plotted in
a stereographic triangle [118].
The beam precession reduces dynamical effects of the electron diffraction so that
kinematical diffraction theory is used to compute the template diffraction pat-
terns. In the template, each reflexion is characterized by the position of the
diffraction spot (x and y) and by its intensity. The best match between the tem-
plate and the experimental diffraction patterns automatically determined as a
value with the highest correlation index defined as
Qi =
∑︁n








is used [119]. In this equation, the intensity function P(x,y) represents the diffrac-
tion pattern and the function Ti(x,y) ranges through the diffraction spots in each
template. The most probable crystal orientation along with its reliability can be
visualised by plotting calculated correlation indices to a standard stereographic
triangle (fig. 3.2c) where darker color implies a higher correlation index. The
most probable crystal orientation shows as a black dot for the highest reliability
orientation, several dots for more orientations with a similar correlation index or
a dark line if only one direction is unambiguously determined. The orientations
maps were captured at camera length 20 cm. Steps (1-3 nm) were selected in
order to optimize capture time and image resolution.
3.4 In-situ TEM deformation testing
The deformation was realized by Hysitron PI 95 TEM PicoIndenter equipped with
a Berkovich indenter for direct indentation or flat punch for nanopillar compres-
sion and for the PTP device pushing (fig. 3.3).In addition to a three-axis coarse
positioner and a 3D piezoelectric actuator for fine positioning, the Hysitron PI
95 is equipped with a transducer for electrostatic actuation and capacitive dis-
placement sensing which provides highly accurate depth-sensing capability.
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The samples were deformed at strain rate 10-4 s-1 and the force and displacement
of the indenter were captured every 5 ms.
(a)
(b)
Figure 3.3: (a) Hysitron PI 95 TEM PicoIndenter [120], (b) direction of indenter
pushing and pulling of the sample in PTP device [117].
3.5 MD simulation methods
Large-Scale Atomic/Molecular Massively Parallel Simulator [121] was used for
MD computing. A code for deformation of a predefined block of material was
constructed. At first, the energy of the whole system is minimized at zero tem-
perature, following by a calculation of the distribution of velocities of atoms at
defined temperatures. The system is then left still for 5 ps with the temperature
controlled by Nose-Hoover thermostat from isothermal-isobaric ensemble. Again,
the energy minimization is performed and the block is then deformed at given
strain rate at temperature 300 K controlled by Nose-Hoover thermostat from the
canonical ensemble. Timestep used in the integration is 10-15 s. Each 1000 inte-
gration steps, computed atom positions and energies along with a total energy of
the system, its stress, strain, volume and temperature were recorded.
Polycrystal blocks of atoms used for deformation were created by Atomsk [122].
Atomsk uses a Voronoi tesselation (fig. 3.4) to construct polycrystals, the atomic
seeds were placed so that four hexagonal grains parallel in z direction were cre-
ated inside the box (Fig. 3.5).
Open Visualization Tool (OVITO) with the common neighbor analysis and dis-




Figure 3.4: Construction of 2D polycrystals by Voronoi tesselation (a) introduc-
tion of nodes at given positions, (b) linking of neighboring nodes, (c) normals to
the linking lines define future grain boundaries.




Bright field TEM images (fig. 4.1) reveal polyhedral grains with evenly dis-
tributed sizes in both film thicknesses. The grain size in the 50 nm thick film
ranges from 10 to 40 nm whereas in the 150 nm thick film, the sizes vary between
10 and 60 nm. A moderate overlap between several neighboring grains can be
observed in both images.
(a) (b)
Figure 4.1: TEM BF plane-view of a) 50 nm b) 150 nm thick sputtered film.
The grain structure of both 50 nm and 150 nm thick as sputtered films was char-
acterized by conventional TEM and ASTAR orientation mapping. The called
columnar growth of the grains is characteristic for films prepared by sputtering
deposition [124]. The individual grains start their growth at preferential sites
and rise in the direction perpendicular to the surface in a form of expanding
columns as the sputtering proceeds. The expansion of columns nucleated with
crystallographic orientation with enhanced growth ((110) direction in Al [125]) is
faster and their larger area captures more and more incoming sputtered material.
With a preferential growth of the highest columns, screening of their lower neigh-
bors occurs, which results in a formation of a characteristic columnar structure.
Higher thickness of the deposited films should therefore lead to an increase in an
average grain size.
Both overlapping and an increase of the size of largest grains with increasing
thickness affirm the assumed structure constructed by columnar grain growth.
The presumed columnar structure of the grains was further confirmed by tilting
the specimen from the axis of the columnar growth with respect to the direction
of the incident electron beam. STEM images of untilted and tilted specimens
show clear elongation of grains in the crystal growth direction.
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(a) (b)
Figure 4.2: STEM BF images of 150 nm thick film a) no tilt, b) tilted by
20◦around the goniometer axis.
The orientation distribution of grains was examined by automatic phase and ori-
entation mapping in TEM. Orientations maps shown in Fig. 4.3 reveal a random
character of grain orientation distribution in axes (x,y) parallel with the sample
surface (fig. 4.3a, 4.3b, 4.3d, 4.3e) whereas in the axis (z) perpendicular to the
sample surface (fig. 4.3c, 4.3f), a preferential Al-[101] orientation is clearly vis-
ible for both film thicknesses. Reliability of the orientation fit is shown in fig.
4.3g, where the reliability value is computed as a difference between two highest
correlation indexes, higher index value being assigned to the orientations with
the better match with the substrate. The areas with lower reliability are filled
with darker colors. The captured maps show relatively high values of reliability
in most of the grain interiors and predictable low values around grain bound-
aries. The main factors causing this ambiguity in orientation determination are
the overlap of grains as well as general orientation of specific grains with weak
and scarce diffraction spots. In this case, the diffraction spots from the previous
scanning step may still be visible on the camera screen due to its relatively long
relaxation time interfering with the captured diffraction spots. In some cases,
grains in the orientation maps appear larger than the maximum grain sizes ob-
served in BF TEM. The reason is either clustering of several grains with similar
orientations and/or the above mentioned overriding of weak diffraction spots by
a strong pattern from the previous scanning step. The images were taken from an
area 500x500 nm2 with scanning step 2x2 nm2, which is at the limit of maximum







Figure 4.3: ASTAR orientation maps of 50 nm (a-c) and 150 nm (d-f) thick
sputtered films for three respective directions x,y,z shown in h), g) reliability
map of 50 nm thick film, e) orientation triangle
4.2 Annealing
Annealings of samples were necessary in order to get rid of internal stresses origi-
nating from the method of the film production causing difficulties with the sample
operation in SEM. The films were annealed in situ in TEM for 40 min at 450 ◦C
and the comparison of as-deposited and annealed films are shown in fig. 4.4.
In both cases, abnormal growth of several grains at the expense of their energeti-
cally less favourable neighbors was observed. In the aftermath structure, the size
of the smallest grains remained around 20 nm. In the annealed structure size of
the majority of grains ranges up to 80 nm while diameters of some of the largest
grains evenly distributed in the sample exceed 200 nm in both films. Sharp clear
line contrast changes indicating a formation of annealing twins were detected in




Figure 4.4: TEM BF images of 50 nm (a,b) and 150 nm (c,d) thick films before
(a,c) and after (b,d) annealing up to 450 ◦C.
boundaries were further investigated by HRTEM and indeed, a mirror symmetric
axes of neighboring atomic planes along the twin boundary were found (fig. 4.7c).
ASTAR orientation maps of annealed samples (fig. 4.6) show aside from an obvi-
ous grain growth a partial suppression of the texture, however the [110] direction
oriented perpendicularly to the film surfaces still prevails (fig. 4.6c, 4.6f). Also









Figure 4.6: ASTAR orientation maps of 50 nm (a-c) and 150 nm (d-f) thick





Fig. 4.7 represents an overview of the microstructure evolutions in both annealed
films during in-situ straining. In order to obtain relevant information about the
sample elongation during straining, the entire active region was captured in either
series of pictures with regular time intervals or on a video with capture rate 2000
frames per second. The benefit of the first method lies in a better resolution
of acquired images, while the video is able to record rapid ongoing processes.
Although a slightly better resolution was attained in the 50 nm thick film, grains
suitably oriented for a good TEM contrast could be formed in both cases.
Extensive contrast changes in the BF images appear during straining. Aside
from general contrast changes propagating through the whole area, rapid ones of
individual grains were observed. While the first case results from global changes
in the orientation between the sample and incident beam due to the motion of
the whole deformed sample and MEMS, the second case can be attributed to
elastic accommodation processes and local orientation deviations rooting from
either grain rotations or a deformation of the film via lattice or grain boundary
dislocations. Although no extensive presence of inside grain lattice dislocations
was detected during the straining, a rapid propagation of low density dislocations




Figure 4.7: Active area during deformation a-c) 50 nm, d-f) 150 nm, strain: a,d)
0 %, b,e) 3%, c,f) 7%.
In a typical nanoindentation experiment, the force on the indenter is measured as
well as its position as a function of time. When using the indenter to push into the
MEMS device, these raw data, especially information about displacement become
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unreliable since the position of the indenter, does not match the real elongation
of the deformed area transferred by the MEMS PTP device. For this reason,
real deformation as a function of time was measured directly from the images
captured during the deformation and coupled with corresponding force values.
The conversion to stress-strain curves was done again by using the measured
length and width of the sample at the beginning of the deformation and assuming
that the initial sample thicknesses do not deviate far from predicted values of 50
nm and 150 nm. Examples of the resulting stress-strain curves together with raw
data received from the indenter position are shown in fig. 4.8.
Figure 4.8: Stress-strain curves of the tensile deformation of two 50 nm and two
150 nm thick annealed films.
The first evident result is a markedly lower strength of the 50 nm thick film
opposed to 150 nm thick film. Although the diameters of the grain projections
after annealing of both samples and described earlier do not significantly differ,
the volumes at single grains are still considerably larger in 150 nm thick film.
Therefore, the measured strength increases with the average grain size which is
a result compliant with the already observed inverse Hall-Petch relationship [49].
In spite of large difference in strength, the fraction of both films occur at relatively
similar total strains (ductility around 10% in 150 nm thick films and slightly
larger in the thinner film ≈12%). Significant decrease of the slope around 2%
strain before the failure evident mainly on curves of 150 nm thick films can be
ascribed to onsets of cracks formation and their further propagation through the
sample. Even though the deformation under these values of strain is seemingly
essentially linear, a residual plastic deformation indicating the plastic nature of
the deformation was measured by comparing the distance of precisely defined
33
points before and after the deformation. Values of 9% and 7% were obtained
respectively for 50 nm and 150 nm thick films.
Detailed monitoring of individual grains in the course of deformation revealed
gradual changes of grain shapes. The shapes of three different grains in 50 nm
thick film during the deformation (total strains < 5%, fig. 4.9a, 4.9d, 4.9g) and
right before the failure (total strength 12%, fig. 4.9b, 4.9e, 4.9h) together with
overlap of the boundaries of the final grain shapes outlined in pink and the initial
grain shape (fig. 4.9c, 4.9f, 4.9i) show a general trend of grain elongation along





Figure 4.9: Details of grains at ≈ 5% total strain (a,d,g) and ≈ 12% total strain
(b,e,h). c,f,i) Projections of final grain boundaries (pink line) from b,e,h) images
on grains from a,d,g) images respectively.
Even thought several different grains were checked, majority of them could not be
analysed at all stages of deformation due to the already mentioned contrast loss at
later stages of deformation. The analysis of a grain containing a twin boundaries
oriented roughly perpendicular to the tensile axis (fig. 4.10) demonstrate an
evident shift of twin boundaries during the tensile test.
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(a) (b) (c)
Figure 4.10: Twin boundaries in a particular grain at ≈ 5% (a) and ≈ 12% (b)
total strain. c) Projection of twin boundaries from b) (pink lines) to a).
4.4 Fracture
As already mentioned, no extensive dislocation motion or dislocation interactions
with each other or grain boundaries throughout the whole deformed area were
observed in either of the film thicknesses. However, solitary dislocation propagat-
ing in several grains were captured on video. Fig. 4.11 shows emissions, motion
and annihilation of two dislocations in the 150 nm thick film at ≈ 12% strain
close the failure of the specimen.
(a) (b) (c)
Figure 4.11: BF images of dislocations near the area of crack formation a) emis-
sion of dislocation 2, b) dislocations 1,2 traversing the grain, c) dislocation 1
annihilates is the grain boundary.
Also HRTEM analysis did not reveal the presence of dislocations in strained thin
films. Fig. 4.12 shows examples of HTREM images of the 50 nm thick film after
the failure. However, it is worth to mention, that the number of analysed grains
is statistically very low.
ASTAR images of grain distribution before deformation and after the failure are
shown if fig. 4.13.
Corresponding grains in both images were paired and are marked by the same
letter in the same color. A change in grain shape is apparent as well in this
comparison, while some grains are almost unrecognisable, other remained funda-




Figure 4.12: HRTEM images of unperturbed grains near [110] crystal orientation
after the failure. Color lines confirm the unperturbed crystal structure.
(a)
(b)
Figure 4.13: ASTAR confidence index map of grain distribution a) initial state,
b) after the failure.
axis. The images reveal intergranular character of the crack propagation, even
though in one area around the grain denoted as red/light blue O it is unclear and
it seems like either overlapping grains tore along the boundary and separated or
the crack propagated transgranularly and tore the grain in two parts.
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4.5 Orientation changes
HRTEM images before and after the deformation were taken from the correspond-
ing areas. Two of notable images are shown in fig. 4.14. The initial twin structure
(fig. 4.14a) is distorted (the sequencing of the visible lattice planes in both pic-
tures is highlighted in pink) - the mirror symmetry could be no longer recognised
even though the orientation of the lattice planes between the two boundaries re-




Figure 4.14: HRTEM images of twinned grains (a,b) and two adjacent grains
(b,c) in 50 nm thick film before (a,c) and after the failure (b,d).
The change of orientation was observed in several other grains where the orienta-
tion whole surroundings changed out of low index orientation so it is not apparent
whether the change occurred locally for individual grains or rather globally due
to the specimen or MEMS tilting (fig. 4.14c, 4.14d).
ASTAR orientation maps of the same area before the start of the deformation and
after the failure (fig. 4.15) were taken. Slight changes of the color shades and full
changes of color could be recognised between the two stages. The observed fea-
tures confirm individual grain rotations rather than global area tilting indicating
bending of the specimen. To confirm this observation, changes in misorienta-
tion angles of neighboring grains were inspected. Graphs of misorientation angles
along a line are shown in fig. 4.16a, 4.16d. The misorientations with regards to
the orientation of the first pixel in the line are shown and one point in the graph
matches one pixel in the image. The corresponding lines are drawn on orientation
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maps (left side of fig. 4.16b, 4.16c, 4.16e, 4.16f), in the reliability maps of the
corresponding area (right side of fig. 4.16b, 4.16c, 4.16e, 4.16f), grains with high
reliability are marked by letters which are matched with the grains in the graph
recognisable as consecutive distances of constant misorientation angle. Misorien-
tation changes among individual grains range between 0.5 ◦and 3 ◦and fluctuate
along the length of the line. These values are above the ASTAR orientation res-
olution limit, which makes 1 ◦or less [118]. for This statistical approach confirms
that individual grains indeed changed their orientations during deformation via
grain rotation. Large orientation fluctuations on pixel scale correspond to areas
with low reliability and thus can be omitted, more continuous changes withing




Figure 4.15: ASTAR orientation maps of the sample a,c,e) before and b,d,f) after







Figure 4.16: Misorientation along the line with regards to the orientaion of the





A choice of interatomic potential may influence the course of the simulations and
their outcomes. Modified atom potentials MEAM, widely used in MD simula-
tions and suitable both for metallic structures and structures with directional
bonding were used in all simulations. While some potentials are derived solely
for pure elements, other include multi-element interactions. A presence of Mg
in experimental alloy necessitates the use of multi-element potential, however in
case of such a potential, interactions between two compliant atoms may devi-
ate from interaction predictions when using potential derived for single element
interactions. Since for alloys with low content of additives (as the one used in
the experiment), most pair interactions remain A-A (between the same atoms),
a question of how much impact does the change of potential from single element
to multi-element have on the simulation results arises.
Three different potentials Al-Si-Mg-Cu-Fe MEAM [126] and Al-Mg MEAM [127]
for the multi-element computations and Al MEAM [128] for single element sim-
ulations were chosen for the execution of following simulations. Basic properties
obtained from implementations of the potentials [129] are shown in fig. 5.1 and
5.2.
Fig. 5.1 shows differences of the diatom energy as a function of interatomic
distances with fig. 5.1b zooming in the curve for interval of the distances cor-
responding to common values of interatomic distances in FCC Al. Differences
between Al-Al interactions of potentials for atomic spacing in [110] direction,
which makes 2.8 Å, seem to be minor.
(a) (b)
Figure 5.1: Comparison of diatom energy as a function of MEAM potentials
for pure Al (Al-Al interaction), Al-Mg and Al-Si-Mg-Cu-Fe (Al-Al and Al-Mg
interaction): (a) 0 to 2 Å, (b) 1 to 6 Å[129].
Different definition of potentials leads among other variances in properties to
different values of the stacking fault energy. Predictions of generalised stacking
fault energies in FCC structure for pure Al and Al-Si-Mg-Cu-Fe and (111) atomic





Figure 5.2: Comparison of predictions for stacking fault energy for MEAM po-
tentials for (a), (b) pure Al and (c),(d) Al-Si-Mg-Cu-Fe. (a), (c) (111) plane, (b),
(d) (111) plane in [2̄11] direction [129]
In FCC Al, the easiest glide plane is of type {111} and the stacking fault (SF)
is formed by shifting one plane in the [112] direction by 1/6 of the vector length,
which makes 1.6 Åfor Al lattice parameter. Stacking fault energy for this shift
can be seen in fig. 5.2d and fig. 5.2b and makes 150 mJ/m2 for Al-Si-Mg-Cu-Fe
MEAM and 180 mJ/m2 for Al MEAM. Experimental values reported for stacking
fault energy in Al vary from 160 to 250 mJ/m2 [130, 131].
The above listed values serve as guidelines for comparing potentials, however
they can change for variations in calculation methods or simulation software.
To obtain generalised stacking fault energies of the Al-Mg MEAM and to check
the values taken from the potential implementations, a following simulation for
computation of stacking fault was performed.
A box of 13.8x14x11.4 nm3 was created and filled with Al atoms with FCC
structure. The box was divided into two parts along {111} plane and one part
was gradually shifted along [112] direction (fig. 5.3) in steps of fraction 1/120 of
[112] unit lattice vector. The SF energies were computed by computing a total
energy of the atoms in the system for each step, subtracting it from the energy
of the unperturbed system and dividing the result of subtraction by an area of
the fault plane.
The simulation was run for all three potentials and the results are plotted in
fig. 5.4. The general shape of the curves remains as shown in fig. 5.2, the
values of the energy for pure Al potential are significantly higher than the ones
for both multielement potentials, while the values for Al-Mg MEAM are even
slightly lower than the ones for Al-Si-Mg-Cu-Fe MEAM. The energies at local
minimum are respectively 149, 139 and 187 mJ/m2 for Al-Si-Mg-Cu-Fe, Al-Mg




Figure 5.3: Visualization of motion of atoms in (111) plane [112] direction used
in the calculation of generalised stacking fault energy. Different planes are dis-
tinguished by color.
Figure 5.4: Generalised stacking fault energy for displacement in (111) plane in
[112] direction.
5.2 Effect of potentials on simulated results
To study the role of the potential selection, a block of 20x20x20 nm3 with ori-
entation [110] in z, [100] in x and [112] in y direction with periodic boundary
conditions along x and y axis and free surface perpendicular to z axis was cre-
ated and filed with Al atoms with FCC structure. The block was deformed with
respective use of all potentials in tension with tensile direction in y axis up to
20% strain with a strain rate of 2.109 s-1.
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The computed positions of atoms are visualised using Ovito software [123] along
with their properties - crystal structure obtained from common neighbor analysis
and presence of dislocations detected by dislocation analysis. Color coding used
in all following visualisations is listed in fig. 5.5.
Figure 5.5: Color coding for representation of structure and dislocation types for
images created by Open visualisation tool Ovito
The stress-strain curves (fig. 5.6) were obtained from the simulation by computing
the stress tensor of individual atoms, summing the component in y direction and
dividing it by initial sample volume and current strain (current y-length of the
deformed box over the initial value). Several features are evident from the image.
Figure 5.6: Comparison of stress-strain curves for MD of tensile deformation of
Al single crystal using three different potentials
Repeated oscillations of stress as well as sudden drop in stress at around 10
% strain are common for all plotted functions. Rather compliant shape of the
curves for both multi-element potentials is noticeable, whereby the stress drop in
Al potential occurs slightly later and is considerably less steep than in other cases.
When using a single element potential, the strength of the sample is considerably
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lower than for multi-element ones. Disregarding oscillations, the slope of the
curve gradually decreases before the drop in contrast to the unchanging slope
character in the latter case.
Visualisations of the atom positions with application of common neighbor
analysis and dislocation analysis were done to uncover the mechanisms under the
computed stress-strain characteristics. Fig. 5.7 shows the results of the simulation
with Al-Si-Mg-Cu-Fe MEAM at different strain values.
(a) (b) (c)
(d) (e) (f)
Figure 5.7: Tensile deformation of Al box, visualization with centrosymmetry
parameter, color coding as in fig 5.5 a) 0%, b) 3.6%, c) 7.3%, d) 9.2%, e) 14.6%,
f) 18.3%
The FCC structure becomes distorted at about 9% strain and regions of anoma-
lous structure along with HCP stacking faults lying in {111} planes appear and
gradually grow with increasing deformation. The already mentioned distortions
originate at the free surface. The initially flat surface of the sample also becomes
irregular making the thickness in different x,y positions uneven.
To pinpoint the stress value of the first dislocation nucleation, the dislocation
analysis was performed and results with particles removed from the image are
shown in fig. 5.8.
From this representation, it is evident that the dislocations indeed originate at
both free surfaces and propagate to the center of the sample where they meet and
interact. At lower strains, Shockley partial dislocations prevail (fig. 5.11a, 5.11b
- green), at higher strain values they combine into perfect 1/2[110] ones (fig. 5.8e,
5.8f - blue). First dislocations appear at strains above 8%. They duplicate at
10% where the drop in the stress occurs in the stress-strain curve (fig. 5.6) and
appear in the whole sample volume.
Removal of all but atoms with HCP surroundings creates images with clear pre-
sentation of SF. Comparison with the identical images of dislocation analysis (fig.
5.9) clearly shows that the areas of stacking fault are bound by the Shockley par-




Figure 5.8: Tensile deformation of Al box for Al-Si-Mg-Cu-Fe MEAM, dislocation
analysis, color coding as in fig 5.5 a) 5%, b) 8.2%, c) 9.2%, d) 10.1%, e) 14.6%,
f) 18.3%
for the SF formation.
(a) (b)
(c) (d)
Figure 5.9: Comparison of dislocation analysis images with corresponding images
of HCP planes a,b) detail 9.2% strain, b) 10.1% strain
Creation of stacking faults and distortion of sample surface were observed for all
three used potentials dislocation motion. The HCP atom view for all potentials
at three chosen strains between the beginning of SF formation and end of the
deformation is shown in the fig. 5.10. The first appearance of HCP planes occurs
in the case of Al MEAM at strains larger (above 9%) than for other two potentials,
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that already have multiple continuous areas growing in the direction to the centre
of the sample. However, by the strain value of 11% they (fig. 5.10h) start growing
into large continuous planes with sizes reaching almost the dimension of the whole
sample. Almost unchanged, they remain in their place and size until the end of
the deformation (fig. 5.10i). On the other hand, the SF simulated with multi-
element potentials form much smaller mobile areas which reach their maximum
volume fraction at strains around 10% and gradually decrease towards the end
of the simulation as partial dislocations annihilate at the opposite surfaces.
The delayed nucleation of first dislocations and HCP planes with use of pure Al
potential is compliant with the delay of stress drop in stress-strain curves (fig.
5.6). However, the lower strength of the material in regard to other two potentials
and the larger size of stacking faults in the case of Al potential seem contradictory
to higher value of energy of stacking fault formation for this potential. For this




Figure 5.10: The comparison of deformation for different potentials, only the
atoms in HCP positions are shown: a-c) Al-Si-Mg-Cu-Fe MEAM, d-f) Al-Mg
MEAM, g-i) Al MEAM, strains: a,d,g) 9.2%, b,e,h) 11%, c,f,i) 18.3%.
A detail of HCP planes for Al-Si-Mg-Cu-Fe MEAM and Al MEAM is shown
in fig. 5.8. Two adjacent planes of HCP marking the presence of a standard
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intrinsic or extrinsic stacking fault form the plane for the former, whereas in the
latter only a single HCP plane cuts through the FCC lattice. Such an occurrence
typically indicates a micro-twin boundary and may be produced by a consecutive
propagation of the Shockley partials in the neighboring planes.
In this manner, two HCP planes are created, receding by one atomic plane with
propagation of each dislocation. However, no such process was observed in the
simulation course and no pairs of HCP planes were visible either. Rather a single
plane sprouted from the free surface and extended through the sample. This
rather curious behaviour can be explained by visualisation of not only HCP, but
also the particles in unidentified lattice structures. Such images for potentials
Al-Mg MEAM and Al MEAM at different strains are shown in fig. 5.12.
(a) (b)
Figure 5.11: Comparison of HCP atom planes in a) Al-Si-Mg-Cu-Fe MEAM, b)
Al MEAM.
The images show a different behaviour of atoms in no particular structure (grey)
for both potentials. In the first case, the small SF areas bounded by the Shockley
partial dislocations are surrounded by grey atoms. Aside from that, only random
single atoms in the whole volume and a layer of grey atoms at the free surface
appear in the first stages of SF formation and propagation. These areas ex-
tend With increasing strain, yet no separate extensive volumes of grey atoms are
formed (fig. 5.12a, 5.12b, 5.12c). In the second case, a large humps of distorted
lattice structure form at the free surfaces and extend in the direction parallel to
the sample height. HCP single layer planes adjacent to these areas are formed
when these areas take up a relatively large fraction of the sample volume (fig.
5.12d, 5.12e, 5.12f). Therefore, the lower strength corresponding to pure potential
results from a different deformation mechanism. Rather hardly explainable single
planes of atoms in HCP lattice surrounded by FCC structure (twin boundaries)
are not formed nor is it a standard stacking fault with high formation energy.
The origin of multiple small steps appearing in both curves before they reach
yielding point could not be unambiguously assigned to any process observed in
the visualisation and is most likely related either to dislocation processes on the
free surface where the periodicity of crystal structure is violated and cannot be
detected by dislocation analysis or to formation of point lattice defects and other




Figure 5.12: Visualisation of all but FCC atoms in the deformation for two dif-
ferent potentials: a-c) Al-Mg MEAM, d-f) Al MEAM, strains: a,d) 9.2%, b,e)
11%, c,f) 14.6%
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5.3 Effect of crystal orientation
With all other simulation parameters unchanged, the lattice inside the simulation
box was rotated around z axis so that respectively [100], [110] and [111] directions
become parallel to the axis of deformation. The stress-strain curves for multi and
single element potentials are shown in fig. 5.13. The comparison of potentials for
different axis directions is shown in fig. 5.14 since the results quite vary depending
on the used potential.
(a) (b)
(c)
Figure 5.13: Stress-strain curves for deformation of Al single crystal at different
orientations: a) Al-Si-Mg-Cu-Fe MEAM, b) Al-Mg MEAM, c) Al MEAM.
Generally, the strength of Al-Si-Mg-Cu-Fe MEAM is the highest for all simulated
orientations while the strength of Al MEAM is the lowest. This effect in [112]
direction was already addressed in the previous section (fig. 5.6) and seems to
root from major distortion of a lattice structure in contrast to simple propaga-
tion of dislocations and formation of stacking fault. Direction [110] has the lowest
strength for all potentials, [001] the highest, strength of [111] and [112] is about
the same. For Al MEAM, the slope of the curve decreases before the stress drop
in all orientations. All the material strengths range between 4 and 8 GPa.
A visualisation of computed atom locations during the deformation was once
again performed to correlate the structural changes to the changes in the shape
of stress-strain curves. Images of HCP atoms for Al-Si-Mg-Cu-Fe MEAM and
different lattice orientations parallel to tensile axis at strain 14.5% are shown in
fig. 5.15. Similar results were observed in Al-Mg MEAM and Al MEAM, yet




Figure 5.14: Comparison of stress strain curves for different potentials, tension
axis parallel to a) [001], b) [110], c) [111].
of thick volumes of atoms in undefined lattice structure: in the areas where the
HCP atom planes appeared at higher strains.
For tensile axis in [110] orientation, large areas of SF crossing the entire dimen-
sion of the deformation box were formed in two different directions and as the
deformation proceeded, the HCP planes separated and created boundaries for mi-
crotwins. In [111] orientation, less extensive SF planes formed in three different





Figure 5.15: Images of HCP atomic planes at 14.5% strain for Al-Si-Mg-Cu-Fe
MEAM, orientation of tensile axis: a,d) [110] b,e) [001] c,f) [111].
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5.4 Effect of film thickness
Another parameter crucial in the investigation of thin films is, unsurprisingly,
their thickness. Markedly in MD simulations, thickness is an important part in
overall volume of the sample which has again correlation to the total computa-
tion time. The adequate thickness is frequently impossible to reach at reasonable
computation time and strain rate. Therefore, studies of thin films are regularly
restricted to a scale of nm [132]. To observe the relationship between the film
thickness and its deformation mechanisms, samples of thicknesses between 5 and
50 nm were deformed using pure Al MEAM. Four blocks of dimensions 20x20xZ
nm3 with Z equal respectively 5, 10, 20 and 50 nm with orientation [110] parallel
to z and [112] parallel to x were simulated and deformed with the parameters iden-
tical with the simulations described above. Stress-strain curves for all thicknesses
are shown in fig. 5.16. The first trend arising from the plot is a gradual increase
of the material strength and elasticity proportional to the sample thickness.
Figure 5.16: Stress strain curves of films with different thickness.
In the thinnest 5 nm sample, a hole forms (fig. 5.17) at the end of the defor-
mation. The phenomenon is also reflected in the stress-strain curve, because the
stress gradually decreases after the rapid drop in the contrary to thicker sam-
ples. Thicker samples remained compact, even thought considerably rumpled
with irregular thickness and surface (fig. 5.18).
(a) (b)
Figure 5.17: Formation of a hole in 5 nm thick sample at 18.4% strain.
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(a) (b) (c)
Figure 5.18: Irregular surface in a) 10 nm, b) 20 nm, c) 50 nm thick sample at
18.4% strain.
Similarly to previous results, the sudden drop in the stress values at around 15%
strain corresponds to the onset of the formation of dislocations and adjacent
stacking faults. The dislocations originate from free surfaces and gradually ad-
vance to the central area of the sample, which is notably evident from the 50
nm thick sample, where a longer time (larger strain) is necessary for dislocations
formed at opposite free surfaces to meet in the center of the crystal. The images
of only HCP atoms are shown in fig 5.19a, 5.19b, 5.19c, 5.19d). An increase
of the area of coherent HCP planes can be observed as the thickness decreases.
However, as showed in paragraph 5.4, not all HCP planes represent real SF but
rather a single layer of HCP atoms surrounded by a volume of grey atoms of
ambiguous lattice structure (fig. 5.19e, 5.19f, 5.19g, 5.19h).




Figure 5.19: Visualisation of atoms in a-d) HCP, e-h) HCP and other unidentified
structure for film thickness a,e) 5 nm, b,f) 10 nm, c,g) 20 nm, d,h) 50 nm at strain
14.4%.
5.5 Effect of strain rate
In order to explore the effects of strain rate on computation results, 18x12x8 nm3
large block of Al was created with periodic boundary condition in z direction.
The block was deformed in both tension and compression with deformation axis
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parallel to z direction, The stress-strain curves obtained from deformation simu-
lations at different strain rates are shown in fig. 5.20. Increase of the yield stress
occurs for both compression and tensile deformations with increasing strain rate.
The slope of the curve and deformation mechanisms remains unchanged for strain
rates below 1010 s-1. At strain rate of 4.1010 s-1, a substantial degradation of orig-
inal lattice structure was observed during the deformation with FCC structure
reorganizing into BCC one in the case of compression experiment, and entirely
losing its order in the case of tension. With the distortion of periodic structure,
dislocation activity was no longer detected during the tensile deformation. A
much larger block of the single crystal with dimensions 63x44x51 nm3 with pe-
riodic boundary conditions in x,y and orientation [110] parallel with z direction
was deformed at strain rate 4.1010 s-1 for both potentials. Even thought the ma-
jority of simulation parameters were different, a distortion of periodic structure
with lack of dislocation activity was also observed. Stress-strain function for this
simulation is shown in fig. 5.21. For this reason, all the following simulations
were performed at strain rates lower than 1010 s-1.
(a)
(b)
Figure 5.20: Stress-strain curves of Al single crystal deformed with different strain
rates (a) tension, (b) compression.
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Figure 5.21: Stress-strain curves of a 50 nm thick Al single crystal deformed
at strain rate 2.1010 s-1 oriented with [110] parallel to z axis simuated with two
different potentials.
5.6 Polycrystal tensile deformation
In order to further approach the experimental conditions, a textured polycrystal
film was created. Block 20x20x20 nm3 large with 4 hexagonal grains (fig. 5.22)
was created in Atomsk. A lattice nucleus oriented [110] in z direction, [001] in y
and [110] in x was rotated around z axis by following angles: A: 54◦, B: -77◦, C:
130◦, D: 126◦ (fig. 5.22c). Therefore, in grain A, the orientation [111] is close to
the direction of tensile axis, grain B is rotated 13◦ from the direction [110], grains
C and D have very close orientations with a high index direction parallel to y.
Periodic boundary conditions were applied in x and y direction and the sample
was deformed in tension along y axis with strain rate 2·109 s-1. The deformation
was carried out using multielement Al-Si-Mg-Cu-Fe MEAM and single Al MEAM
potentials. Fig. 5.23 and 5.24 show examples of the microstructure evolution
simulated with both potentials. Results of a dislocation analysis of Al MEAM
potential are shown if fig. 5.25 and 5.26.
Simulation using of Al-Si-Mg-Cu-Fe MEAM resulted in an expansion of grain
boundaries perpendicular to the deformation axis (fig. 5.23d, 5.23e, 5.23f). The
expansion started at strain values around 7% and gradually proceeds so that
at strains above 10%, the grain structure became distorted. A small hole was
formed at the boundary between grains marked D and A, but it did not expand
or propagate. Stacking faults form in corners of the grain marked as B. With
increasing deformation, they disappear in the expanding area of the adjacent
grain boundary.
Rather than a grain boundary expansion, a rupture of the material along the
same grain boundaries was observed in the case of the Al MEAM potential (fig.
5.24d, 5.24e, 5.24f). A volume of grey atoms in undefined structure in a form of
a thin bent line, indicating a presence of a dislocation, was ejected from a grain
boundary in the grain D at around 3% strain (fig. 5.24a - red circle, marked as 1),
crossed the grain and disappeared in the opposite boundary (fig. 5.24b, 5.24c).




Figure 5.22: A block of Al polycrystal created in Atomsk before deformation: (a)
full block, (b) block sliced in y/z direction so that GB are visible, (c) constant z
slice with labeled grains.
(fig. 5.24e). Two single atomic layers of HCP planes marking the boundaries of
a microtwin were formed right after the first signs of separation of the grains B
and C (fig. 5.24e - blue circle, marked as 4) and they gradually propagate in the
direction of the grain boundary while approaching each other and disappear at
higher strains (fig. 5.24f). Similarly to the deformations of a single crystal with
this potential, a distortion of a large volume of atoms from their lattice structure
preceded the formation of microtwins in grain B. No significant lattice distortion
appeared in remaining grains. After the formation of the hole, two thin long
lines of SF surrounded by a layer of undefined lattice structure parallel to the z
direction formed in grain C (fig. 5.24e - red circle, marked as 2 and 3). With
increasing strain, one of them slowly moved (fig. 5.24f) across the grain and dis-
appeared at the grain boundary with grain D.
Dislocation analysis of the computed results showed constant motion of dislo-
cations inside the grain boundaries for both potentials. No dislocations were
observed in simulation using Al-Si-Mg-Cu-Fe MEAM potential. A single perfect
[110] dislocation emitted from a grain boundary at a strain ≈ 3% (fig. 5.25 -
marked by pink arrows) observed when the Al MEAM potential was used corre-
sponds to the distorted lattice line observed in common neighbor analysis visual-





Figure 5.23: Deformation of Al polycrystal using Al-Si-Mg-Cu-Fe MEAM, strain:
a) 3.6%, b) 5%, c) 5.7%, (d) 7.2%, (e) 10.8%, (f) 14.4%. Color coding of atoms




Figure 5.24: Deformation of Al polycrystal using Al MEAM, strain: a) 3.6%,
b) 5%, c) 5.7%, (d) 7.2%, (e) 10.8%, (f) 14.4%. Color coding of atoms and
dislocations as listed in 5.5.
in the opposite grain boundary.
Fig. 5.27 shows the corresponding stress-strain curves. The rapid decrease of
stress matches the strain values at which the grain boundary expansion started
in the case of Al-Si-Mg-Cu-Fe MEAM and analogously the beginning of film rup-
ture for Al MEAM is linked to drop of stress to zero. Similarly to the deformation






Figure 5.25: Dislocation analysis of deformed Al polycrystal (a), (c), (e) - constant
z view, (b), (d), (f) - constant x view. (a), (b) ϵ = 3.4%, (c), (d) ϵ = 5.9%, (e),
(f) ϵ = 7.2%, Color coding of dislocations as listed in 5.5.
(a) (b) (c)
Figure 5.26: Dislocation analysis of deformed Al polycrystal for higher strains:
(a) 7.2%, (b) 10.8%, (c) 14.4%.
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Figure 5.27: Stress-strain curves for MD of tensile deformation of Al polycrystal
simulated with two different potentials.
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5.7 Effect of dimensions
A susceptibility of the simulation to the dimensions of the sample was tested by
changing the thickness of the simulated film and by increasing the grain size.
The [110] textured polycrystal from fig. 5.22 with a thickness increased to 50
nm in the z direction was generated and deformed under the same conditions as
the sample in paragraph 5.6. The comparison of strain-stress curves is shown in
fig. 5.28. A minor shift of the maximum to higher values of stress and strain
appears, otherwise no significant changes in material properties and deforma-
tion mechanisms were formed and the whole process could be described by the
same visualisations as in the case of the thinner film presented in the previous
paragraph.
Figure 5.28: Influence of thickness on stress-strain curves of Al polycrystal.
The original 20x20x20 nm3 block was taken and this time, the x and y di-
mensions were increased to 40 nm, without any change of the geometry and
orientation of grains. Only the grain diameter was increased to 20 nm. The sam-
ple was again deformed under the same conditions. Fig. 5.29 shows stress-strain
curves
calculated with two potentials. They show that increase of grain size to 20 nm
does not change the properties of the simulated polycrystal regardless of the used
potential. Visualisation of the simulation shows several dislocations crossing the
interior of grains, but they were immediately annihilated in the opposite grain
boundary and did not interact with each other.
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Figure 5.29: Influence of grain size on stress-strain curves of a 20 nm thick poly-








Figure 5.30: Deformation of the polycrystal with a grain size of 20 nm: a,d,g)
common neighbor analysis b,e,h) dislocation analysis, constant z view c,f,i) dis-
location analysis, constant y view a,b,c) 5.4%, d,e,f) 7.2%, g,h,i) 9.2%.
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5.8 Addition of Mg
Finally, the effect of addition of Mg to the polycrystal structure was examined.
A 10.7x93x15 nm3 large block with regular hexagonal grains of random orienta-
tion was generated in Atomsk (fig. 5.31a). Again, periodic boundary conditions
were applied in x and y directions and the polycrystal was deformed in tension
with axis parallel to the y direction. The same block of grains was adjusted
by substituting 3 wt.% of randomly distributed Al atoms for Mg (fig. 5.31b).
Finally, instead of the random distribution, only atoms in the vicinity of grain
boundaries were selected, and part of them randomly changed to Mg (fig. 5.31c)
so that the average weight concentration of the whole block remains 3%. These
configurations were chosen to document the effect of grain boundary segrega-
tion on the polycrystal sample of reduced size. All the blocks were deformed
in the same manner as samples in the previous two sections and the resulting
stress-strain curves are shown in fig. 5.32. An addition of 3wt.%Mg into the
Al polycrystal, whether randomly distributed or segregated on grain boundaries,
does not seemingly change mechanical properties of the sample. Higher values of
stress observed above ϵ ≈10% in the sample with Mg atoms segregated at grain
boundaries indicate a positive role of Mg on their stability. This hypothesis is
also supported by visualisations (Fig. 5.33) showing disturbed zones near grain
boundaries at different strain levels. The width of the disturbed zone increases
with increasing strain independently on the distribution and concentration of Mg.
However, higher concentration of Mg atoms on grain boundaries significantly re-
duces their width, so that at the same strain level the resulting stress is superior
in the material with Mg grain-boundary segregation (Fig. 5.32).
(a) (b) (c)
Figure 5.31: Polycrystal FCC block with randomly oriented hexagonal grains (a)
pure Al, (b) Al 3wt.%Mg evenly distributed, (c) Al 3wt.%Mg with Mg around
grain boundaries (Al atoms red, Mg atoms blue).
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Figure 5.32: Stress-strain curves for MD of tensile deformation of Al-Mg poly-




Figure 5.33: Polycrystal FCC block with randomly oriented grains at different
strains. a,b,c) pure Al, d,e,f) Al 3wt.%Mg evenly distributed, g,h,i) Al 3wt.%Mg




The analysis of experimental data received during in situ tensile testing of 50
nm and 150 nm thin Al3wt.%Mg films clearly confirms that a decreasing thick-
ness of polycrystalline Al-based films results in a decrease of the yield strength.
This finding coupled with direct TEM observations of the microstructure during
the test could provide additional information clarifying several issues concerning
deformation mechanisms and rapture in metallic structures with confined length
scales. Although the intrinsic (grain size ≈100 nm) and extrinsic (film thickness)
dimensions do not represent a truly extreme nanoscale features, yielding of the
films exhibit significant differences in comparison with the behavior of standard
bulk materials.
The observed yield strength values (100 – 700 MPa) are in a good agreement
with the ones reported for Al thin films in the recent literature. Values between
200 - 400 MPa were reported for 60 - 480 nm thick film [25] where a method
of a deformation of substrates was used to deform the films. Bulge testing of
free standing pure aluminum films (0.5 – 4.4 µm thick) or films prepared by DC
sputtering from Al-Zn-Mg-Cu alloy yield values between 70 and 125 MPa for pure
aluminum and 600 MPa for the alloy [133, 134].
The first conspicuous feature is the lack of any intensive dislocation activity in
the grain interiors, which is generally responsible for the formation of disloca-
tion pile-ups in bulk materials and so-called Hall-Petch-type relationship [4, 5].
Nevertheless, scarce dislocations emitted from grain boundaries, traversing the
grain and annihilating in the grain boundary on the opposite site of the grain,
confirm that the dislocation activity does not entirely cease in our thin films,
but common dislocation mechanisms do not play a controlling role in the defor-
mation of nanograins. It is necessary to note now, that the yield stress values
reported for pure Al film by Cieslar et al. [133] were clearly associated with con-
ventional dislocation mechanisms imposed by the size of grains (flat grains 6 to
100 micrometers in diameter) in the studied films exhibiting standard Hall-Petch
relation. Therefore the conformity of yield stress values with our results is rather
coincidental and further supports the governing role of grain boundaries in the
yielding of our Al-Mg films.
Recent analyses [67, 111] report 15 – 70 nm grain size as limiting dimensions for
the dislocation activity suppression in Al nanostrucutres and appearance of new
yield controlling processes associated with grain boundaries and diffusion creep.
The values of grain size are well below the grain size observed in our study. Nev-
ertheless, grain rotations confirmed by TEM analyses (fig. 4.14, 4.16) support
the statements of McFaden et al. [135], that rotation of grains always associated
with grain boundary sliding indeed occurs. On the other hand, grain elongation
in the tensile direction and their transversal contraction after straining without
any significant dislocation activity (fig. 4.9) supports the statements of Shu et
al. [136] about the presence of Nabarro-Herring creep in Al nanocrystalline ma-
terials, which could occur even at room temperature thanks to a high imposed
stress.
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The almost pure intergranular fraction of films (fig. 4.13) may indicate the pres-
ence of grain boundary dislocation activity and unaccommodated grain bound-
ary sliding and nucleation of voids at boundaries as proposed by Kumar et al.
[10]. Nevertheless, a negative role of impurity (or oxides) segregation on grain
boundaries and incomplete densification and a presence of pre-existing flaws also
could not be neglected in the material prepared by physical vapor deposition
[137]. Therefore further careful analysis of the grain boundary microstructure,
composition and fracture surfaces are necessary to plausibly explain the fracture
mechanism.
6.2 Simulation results
The main features of performed simulations of tensile deformation of single crystal
films such as the observed deformation mechanisms, orientation influence or strain
rate effects are generally compliant with results reported by various authors for
nanopillar compression of FCC structures. Deformation by both full and partial
dislocations bordering the stacking faults and rearranging of atoms in lattice was
observed during tension or compression of Al [99], Cu [14] and Ni [97] pillars.
The yield strength of single crystals ranges between 6 and 8 GPa according to
the orientation and used potential, which is about twice higher than the strength
of compressed Al nanopillars [99], which is probably a combination of effect of
different interatomic potential and generally higher stress values for the tension
over compression experiments and the lower area of surfaces in films compared to
pillars, which means less opportunities for dislocation annihilation and associated
size effects.
Our orientation studies confirmed activation of different slip systems. Similar
result was reported for orientation studies of deformed Al nanopillars by Xu et
al. [99], which revealed prevalence of partial dislocations in [001] direction and,
on the contrary, crucial role of full dislocations in less symmetrical directions
[111], [112] and [2̄6̄5]. Quite different result is observed in our study, because
a [110] tension direction shows preference in partial dislocations, while in the
other directions ([111], [112], [001]) a combination of partial and full dislocations
contributes to the deformation. Depending on the orientation, {111} stacking
faults of different extent and directions were formed. The directions of activated
{111} were analyzed (fig. 6.1) in more detail with regards to the values of the
Schmid Factor.
The lowest strength for all materials was observed at deformation in [110] direc-
tion parallel to the tensile axis (fig. 6.1a). Large crossing areas of HCP planes in
the planes parallel to the z direction were observed. When the tensile direction
is denoted as [110], the formed HCP atoms lie in planes (111) and (111̄). The
results with [111] parallel to the deformation axis are shown in fig. 6.1b. HCP
planes parallel to the z direction were formed, in this case less extensive and
not spread through the whole volume of the deformation box. Apart from that,
small HCP planes in two directions non parallel to z also form. Their orientation
corresponds to (1̄11), (11̄1), (111̄) planes. Again, relatively extensive SF in two
different directions were formed during the deformation in [112] direction parallel
to the loading axis (fig. 6.1c). Since none of the planes is perpendicular to the z




Figure 6.1: Visualisation of planes of h.c.p. atoms formed during tensile defor-
mation of a single crystal at different orientations. Directions parallel to the axis
of deformation: a) [110], b) [111], c) [112], d) [001].
are observed during the deformation parallel to [001] direction (fig. 6.1d). The
areas of SF planes are smaller than in all previous directions, as well as the length
of partial dislocations. The largest part of deformation was carried through ordi-
nary <110> dislocations. Table 6.1 shows computed values of the Schmid factor
for perfect <110> dislocations in {111} planes. By comparing the values for in-
dividual directions with slip systems activated for individual directions, it follows
that all the systems with the highest values of Schmid factor were activated. The
prevalence of either partial or full dislocations seems to be linked to the orien-
tation of the activated systems and the free surface. In systems perpendicular
to the surface, large areas of SF forms and partial dislocations generated at the
free surface quickly propagate to the opposite side. On the contrary, in systems
inclined by a large angle from the surface, most of the deformation is carried
by full dislocations, with only small fractions of SF bordered by Shockley par-
tials confirming the role of free surfaces as a factor influencing the mechanisms
of deformation.
The formation of SF in aluminum is quite common and frequently reported in
MD simulations of nano-scale volumes in spite of a high value of stacking fault
energy, which prevents SF formation in bulk materials. A question regarding a
credibility of MD result arises, however no SF was reported in MD simulations of
bulk Al, using periodic boundary conditions in all dimensions. Moreover, some
experimental studies of tensile deformation of nanocrystalline Al films report a
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110 (111) (1̄11) (1 1̄1) (111̄) 111 (111) (1̄11) (1 1̄1) (111̄)
[110] - 0 0 - [110] - 0.27 0.27 -
[11̄0] 0 - - 0 [11̄0] 0 - - 0
[101] - 0 - 0.41 [101] - 0.27 - 0.27
[101̄] 0.41 - 0 - [101̄] 0 - 0 -
[011] - - 0 0.41 [011] - - 0.27 0.27
[011̄] 0.41 0 - - [011̄] 0 0 - -
100 (111) (1̄11) (1 1̄1) (111̄) 112 (111) (1̄11) (1 1̄1) (111̄)
[110] - 0.41 0.41 - [110] - 0.27 0.27 -
[11̄0] 0.41 - - 0.41 [11̄0] 0 - - 0
[101] - 0.41 - 0.41 [101] - 0.41 - 0
[101̄] 0.41 - 0.41 - [101̄] 0.27 - 0.14 -
[011] - - 0 0 [011] - - 0.41 0
[011̄] 0 0 - - [011̄] 0.27 0.14 - -
Table 6.1: Schmid factor values for {111} slip planes, [110] slip directions and
[110], [111], [100], [112] directions of tensile axis.
formation of deformation microtwins congruent with the results of MD [71].
The strain rate studies revealed an increase of yield strength with the increasing
strain rate. The result is compliant with the study of yield strength of copper
single crystals under different orientations [14] when strain rates between 108 and
1011 s-1 were used. A formation of amorphous regions instead of dislocation ac-
tivity was also reported for these nanopillars above certain strain rate limit.
The effects of grain boundaries on the deformation mechanisms, namely their
role as dislocation sources and sinks and therefore their contribution to the size
effects inside the grains were also well documented by various authors for grains
with diameters between 6 and 50 nm [102, 105, 113]. Propagation of only lead-
ing partial dislocation nucleated at GB without trailing partial which occurred
for orientation [110] (fig. 5.15a, 5.15d) agrees with observations of Swygenhoven
et al. [107, 110] in 2D grains. The presence of full dislocations in our struc-
ture originates from the activation of more slip systems and therefore different
accomodation mechanisms in comparison with 2D grains. Better aignment can
be found with simulations of 2D columnar films by Yamakov et al. [132] with
[110] orientation in z direction predicting a formation of microtwins by continu-
ous propagation of partial dislocations. Even though their films were only under
2 nm, the mechanisms remained congruent with our observations.
6.3 Comparison of experimental and simulation
results
Although the conditions of the experiment and the simulation were not identical,
some of the basic features of both approaches turned out to be comparable.
Firstly, a lack of dislocation activity observed during TEM in situ tensile straining
of the both 50 nm and 150 nm thin films corresponds to the limited dislocations
motion in the simulation of deformation of polycrystalline films, where only a
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few isolated dislocation lines stretched from one free surface to the opposite one
crossed the grains before the beginning of the sample fracture. Even though
annealing twins were present in the experimental sample, no vast twin formation
and twin boundary motion were observed during the deformation. A majority
annealing twins remained unmodified in size within the resolution limits of TEM.
For this reason, the motion of Shockley partial dislocations connected with the
motion of twin boundaries does not represent a substantial contribution to the
deformation of thin films. Experimentally observed grain rotations are in direct
correlation with MD simulations of the deformation of the polycrystalline sample.
Even a very close inspection of simulated lattices exhibits no signs of grains
rotation (fig. 6.2). Instead, the main deformation mechanism following from MD
simulations is the motion of dislocations. However this dislocation motion in
grain boundaries could not be excluded by the TEM experiment.
(a) (b) (c)
Figure 6.2: Detail of atomic structures during MD simulation of deformed poly-
crystal: a) 0%, b) 9%, c) 18% strain.
The largest difference between the TEM experiment and MD simulations was
found in absolute values of the material strength. While the experimental studies
yielded strength of 100 MPa for the 50 nm thick and 700 MPa for the 150 nm thick
films, the strength obtained from MD calculations was by an order of magnitude
higher (4 - 5 GPa) with only a small effect of the film thickness and grain size. This
discrepancy has its origin most probably in size restrictions pf MD simulations
limiting the grain size to ≈ 20 nm. Another, probably more important reason
for the presence of very high strength values in MD is linked to the excessively
high strain rates of MD simulations, where a decrease of strength was observed
for strain rates in the range 107 - 1010 s-1 (fig. 5.20).
6.4 Oscillations of stress-strain functions
Periodic oscillations of stress were observed in all simulated stress-strain curves.
The amplitude of these oscillations depends on the thickness of the sample. How-
ever, no structural changes reflecting this effect were found in simulated struc-
tures. Closer inspection of results shows, that oscillations are indeed very regular
and that their period is the same as the period of the system temperature oscil-
lations (amplitude ≈ 5 K) (fig. 6.3) and oscillations of the sample thickness (due
to the limited numbers of atoms in the box).
Therefore, it can be concluded that oscillations appear as a consequence of tem-
perature and volume oscillations caused by implementing Nose-Hover thermostat
for the regulation of the simulation temperature. These oscillations could be
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Figure 6.3: Oscillations of the system temperature and stress in 10 nm thick
sample.
partially suppressed by an averaging of results through a larger number of sim-
ulation steps. Nevertheless, similar oscillations are generally observed in all MD
simulations reported in the literature [138, 139].
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Conclusion
Nanocrystalline thin films from Al3wt.%Mg alloy were successfully manufactured
by a DC magnetron deposition on a glass substrate covered with a polymer. Dis-
solution of the polymer in organic solvents was used for their release from the
substrate, and 50 and 150 nm thick free-standing films were thus prepared and
further characterized by enhanced transmission electron microscopy. A signifi-
cant texture associated with a preferential (110) orientation of columnar grains
observed in as-prepared films resists to a large extent further necessary annealing
at 400 ◦C. This annealing results in a partial release of internal stresses and a
significant grain growth from ≈ 30 nm to 100-200 nm.
In situ tensile tests at room temperature were performed in TEM with a push-
to-pull MEMS equipped deformation holder at ≈10-4 s-1 strain rate. Force-
displacement curves were recorded and transformed into stress-strain ones. Direct
monitoring of the structure evolution during straining was done using BF and
HRTEM modes, and ACOM-TEM. Inverse Hall-Petch-type yielding associated
with a lower strength of the material with smaller grains was observed. Grain
rotation and diffusion induced creep of particular grains with only a scarce dislo-
cation activity in the grain interiors were identified.
Extensive molecular dynamics simulations of deformation processes in thin Al-
based films were carried out and the influence of selected parameters on the mi-
crostructure evolution and mechanical behavior during tensile deformation was
tested. A remarkable susceptibility of results to subtle variations of interatomic
potentials was confirmed due to the indispensable high number of integrating
steps. Nevertheless, despite of some quantitative discrepancies a majority of
qualitative outcomes was approved independently on the selection of the poten-
tial. The deformation of single crystal samples showed a predictable orientation
influence on the activation of slip systems and consequential strength of the ma-
terial. Both, orientation with regards to the deformation axis and free surface of
the film showed as influential. An increase of the material strength with strain
rate was confirmed along with a destruction of the lattice structure at strain
rates above the limit 1010 s-1. During the deformation of columnar polycrystals,
a motion of dislocations inside grain boundaries was confirmed as the main de-
formation mechanism. Only a scarce dislocation activity consisting of both full
and partial dislocations was detected in the grain interior. All the dislocations
nucleated either at grain boundaries or at free surfaces.
Results of molecular dynamics simulations comply with main experimental re-
sults including the suppression of dislocation activity in the grain interiors and
predominant role of grain boundaries. Nevertheless, some effects predicted by
MD and missing in the experiment still exist (deformation microtwins, Shockley
partials and stacking faults in aluminum, lack of crystal rotations and Nabarro-
Herring creep). Most probably they are induced by constraints of MD simulations
that arise from the necessity to use confined volumes and extremely high strain
rates that are far from real experimental conditions.
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